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Abstract

A multiscale simulation method is used to calculate the rheological properties

of entangled Nylon 6 melts, including the stress relaxation modulus, storage

and loss moduli, and the melt viscosity. The three-level multiscale approach

includes all-atom, coarse-grained and slip-spring models, each operating at dif-

ferent levels of resolution and encompassing a wide range of length scales and

over nine orders of magnitude in time. These models are unified by matching

the polymer chain structure and dynamics as well as the stress relaxation, and

together predict the rheological master curves at various temperatures using

time–temperature superposition. The calculated viscosity agrees reasonably

with experiment. The effect of polydispersity on rheology is also studied by

simulating a polydisperse melt with chain lengths follow the Schulz-Zimm dis-

tribution. Under the same weight-average molecular weight, the polydisperse

melt shows faster stress relaxation and lower viscosity compared to the mono-

disperse melt. For polymers that undergo rapid degradation at elevated tem-

peratures, such as Nylon, the proposed approach offers a useful means to

investigate rheology over a wide range of conditions. Importantly, the

approach is fully predictive in that calculations of rheology are generated with-

out relying on experimental information, and it therefore offers potential for

design of polymeric materials on the basis of purely molecular models.
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1 | INTRODUCTION

Nylon 6 is a versatile engineering plastic with excellent
strength, toughness, heat resistance, and chemical resis-
tance. Its industrial applications include automotive
parts, electronics components, and fibers, many of which
are manufactured by molding processes. During molding,
Nylon 6 is heated to a temperature (T) above the melting

point (Tm) to reduce the melt viscosity and increase the
melt flow rate. The rheological properties of Nylon 6 melt
depend not only on temperature, but also on the other
processing conditions (e.g., shear stress and velocity) and
the material characteristics (e.g., molecular weight, poly-
dispersity, water absorption). Given the large number of
the control variables, it is theoretically difficult to predict
the rheological properties of Nylon 6.
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A recent study of Nylon 6 has demonstrated the ability
of the all-atom (AA) molecular dynamics (MD) simulations
to predict the structural and relaxation characteristics in
the melt state.1 Although the system size of the MD simula-
tions was relatively small, namely 27 chains of Nylon 6
with a degree of polymerization (DP) of 30, the resulting
density, thermal expansion coefficient, static dielectric con-
stant, and activation energy for the dielectric relaxation
showed good agreement with experiment. The time scale
of the simulations was limited to 100–200 ns due to the
high computational demands associated with the AA
model. To fully characterize the rheological properties of
Nylon 6 melts, the simulation time scales must be extended
to milliseconds or more.2,3

In this study, we build a bottom-up multiscale model to
predict the rheological properties of Nylon 6 melts which
links an all-atom (AA) model to a slip-spring (SS) model
via a coarse-grained (CG) model.3 For the AA model, we
employ the same force field as that used in the abovemen-
tioned simulation study,1 so that the effects of hydrogen
bonding on the local structure and dynamics of Nylon
6 are taken into account. For the CG model, atoms from
the AA model are grouped into CG beads by a graph-based
method4; the force field is derived from the AA MD simula-
tion results using the iterative Boltzmann inversion
method.5 The SS model adopted here have been described
in prior publications.6–8 Briefly, in the SS model, Nylon
6 molecules are mapped to bead-spring chains that repro-
duce the chain size in the CG model, where each bead rep-
resents multiple monomers. Artificial bonds between pairs
of beads (i.e., slip-springs), which can slide along chains
and be created/destroyed at chain ends, are introduced to
represent entanglements between polymer chains. After
proper renormalization of the time and modulus scales, we
unify the three models to obtain a master curve that
describes the linear viscoelasticity of the entangled Nylon
6 melt over 9 orders of magnitude in time. Since the multi-
scale simulations are performed at temperatures higher
than experimental accessible range, time–temperature
superposition is applied to extrapolate the rheological prop-
erties to experimentally accessible temperatures.

Polydispersity of polymers' molecular weight is an
important factor that influence the linear viscoelasticity
of entangled melts.9–15 In commercial applications, Nylon
6 is usually synthesized from caprolactam by ring-
opening polymerization with poor control over the
molecular weight distribution, leading to large polydis-
persity. We extend our previous work3 to polydisperse
polymer samples, whose molecular weight is described
by the Schulz-Zimm distribution, to study the effect of
polydispersity on the rheology of Nylon 6 melts.

In what follows, we first describe the details of our
bottom-up multiscale method for Nylon 6 melts (Models

and Methods), and then characterize the structural and
rheological properties using the simulation results
(Results and Discussion). The resulting zero-shear viscos-
ity of Nylon 6 melt is found to be in reasonable agree-
ment with the experimental data, and the effect of
polydispersity on linear viscoelasticity is studied, serving
to illustrate the versatility of our bottom-up multiscale
approach for prediction of the rheological properties of
entangled polymer melts.

2 | MODELS AND METHODS

For the AA model, the optimized potential for liquid sim-
ulations (OPLS) were used to determine the force field
parameters and partial charges.16 The following partial
charges were assigned on the atoms in the amide group:
�0.50, 0.30, 0.50, and � 0.50 for the nitrogen (N), hydro-
gen (H), carbon (C), and oxygen (O) atoms, respectively.
These values are similar to those used in a previous MD
study of Nylon 6 melt1 where the static and relaxational
properties (e.g., density, activation energy for the dielec-
tric relaxations) obtained from the simulations were
shown to agree with the experimental data. In this study,
AA MD simulations were performed using GRO-
MACS.17,18 The time step was set to 1 fs, and the linear
constraint solver (LINCS) algorithm19 was used to con-
strain the length of C–H bonds and to improve computa-
tional efficiency. An initial configuration was generated
by randomly placing 100 chains of Nylon 6 (DP = 10,
20, 30, and 40) in a large simulation box (i.e., 0.1 g/cm3).
Also, initial velocities were assigned to all atoms, whose
values were randomly generated from a Maxwell distri-
bution at T = 700 K. This initial system was equilibrated
with the following three steps. First, topological frustra-
tions in the initial configuration were released by energy
minimization using the steepest descent method. Then a
short NVT simulation was performed to relax the initial
chain conformations. Finally, an NPT simulation was
performed over 10 ns under the ambient pressure
(i.e., 1 atm) not only to relax the box size, but also to relax
the polymer chains in a densely packed manner. The
temperature and pressure were controlled with a Nose-
Hoover thermostat and a Parrinello-Rahman barostat,
respectively.20 After the equilibration steps, NVT simula-
tions were performed over 100 ns at T= 700 K to character-
ize the rheological properties of the Nylon 6 melts, where
the thermodynamic properties (e.g., temperature, pressure
tensor) and the atom positions were sampled at every 1 and
10 ps, respectively. To estimate the shifting factors for the
time–temperature superposition, the same equilibration
steps and production run were conducted at several differ-
ent temperatures (T = 500, 600, 900, and 1100 K).
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To build a CG model, the CG representation of Nylon
6 was first determined by the graph-based coarse-
graining method (GBCG).4 In this method, a molecule is
regarded as a graph where atoms are mapped onto nodes
and bonds are edges that connect them. CG representa-
tions with lower resolutions can be obtained by itera-
tively grouping nodes and performing edge contractions.
In our CG model, a caprolactam monomer (i.e., a repeat
unit) was mapped to two CG beads with different bead
types as shown in Figure 1A. Since each Nylon 6 chain

was capped with a CH3 group on each end, we treated
the chain ends differently and assigned different CG bead
types to them (Figure 1B). The CG force fields for this
model was derived using the iterative Boltzmann inver-
sion (IBI) method, where the CG potential was updated
iteratively to minimize the difference between the distri-
bution function (e.g., radial, bond length, bond angle and
dihedral angle distribution functions) from CG and AA
models. To derive the CG force field, we used the AA
simulation of the Nylon 6 melt with DP = 40 as the

FIGURE 1 Coarse-grained

representation of Nylon 6 for (A) repeat

units, and (B) chain ends.

FIGURE 2 Representative coarse-grained force field and distribution functions of (A) pairwise, (B) bond, (C) angle, and (D) dihedral

interactions. Black solid lines and red dashed lines are distribution functions from reference all-atom (AA) simulations and from coarse-

grained (CG) simulations, respectively. Blue solid lines are CG potentials.

LIANG ET AL. 3073
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reference, and Figure 2 shows the representative CG
non-bonded, bonded, angle and dihedral potentials as
well as the corresponding distribution functions in CG
and AA models. CG simulations of Nylon 6 melts with
degrees of polymerization DP = 10 � 100 were then per-
formed at 700 K. The melts were first relaxed in the NPT
ensemble at 1 atm, using a Nose-Hoover style thermostat
and barostat. Then a production run was carried out to
calculate the density, chain structure, primitive path
(only for DP = 100), chain dynamics and stress relaxation
modulus. The integration timestep was set to Δt¼ 3 fs.
All CG simulations are performed by LAMMPS.21

A model with even lower resolution, that is, the SS
model, was then parameterized to speed up the simula-
tion of highly entangled Nylon 6. In this model, polymers
are modeled by the bead-spring chains, where beads
interact with each other through a soft repulsive poten-
tial. The connectivity between bonded beads is provided
by harmonic springs. Each bead can represent over tens
of monomers, giving rise to a very soft potential between
beads. This further leads to bond-crossing and unphysical
disentanglement dynamics. In order to preserve entangle-
ments, artificial bonds, called “slip-springs”, are intro-
duced between pairs of beads belonging to different
polymer chains. The Hamiltonian of the SS model can be
written as

H¼HnbþHbþHss ð1Þ

βHnb ¼
ffiffiffiffi
N

p Z
dr

R3
ee

κN
2
ϕ2 rð Þ ð2Þ

βHb ¼ 3
2

X
i

r2bi
b2

ð3Þ

βHss ¼ 3
2

X
i

r2ssi
b2ss

ð4Þ

Equation (2) describes the Hamiltonian of the non-
bonded potential, which depends on the inverse com-
pressibility κ, the local bead density ϕ rð Þ, and the
invariant degree of polymerization N ¼ ρssR

3
ee=N

� �2
,

where ρss is the bead number density, Ree is the end-to-
end distance of the polymer chain, N is the number of
beads in each chain. Equations (3) and (4) are the Hamil-
tonians of the bonded and SS potentials, where rbi and
rssi are lengths of the i-th bond and the i-th SS, b2 and b2ss
are the mean squared bond lengths of bonds and SSs.
β¼ 1= kBTð Þ, where kB is the Boltzmann constant and T
is the absolute temperature. The configuration of the sys-
tem is updated by a hybrid MD/MC method, where the
positions of beads are evolved by molecular dynamics

(MD) using the Brownian dynamics equation of motion,
and the SSs are updated through Monte-Carlo (MC)
moves every τss ¼ 1 MD steps. The SSs can hop along a
chain and be created/destroyed at chain ends, mimicking
chain reptation and constraint release, respectively. The
number of SSs can fluctuate and is controlled by a fugac-
ity z¼ exp μ=kBTð Þ in the grand canonical ensemble,
where kBT is the thermal energy and μ is the pseudo-
chemical potential of SSs. Details of the MC moves can
be found in our previous publications.7,8 In our SS simula-
tions, each bead represents 5 monomers, so an entangled
strand is modeled by Ne,ss ¼ 3 beads. The bead number
density is determined by ρss ¼ ρR3

eeNe,ssNA= M0Neð Þ,
where NA is the Avogadro constant, M0 ¼ 113:16 g=mol is
the molar mass of the monomer, ρ¼ 0:877g=cm3 is the
density, Ree ¼ 1:082 DPð Þ0:5 nm is the end-to-end chain
distance, Ne ¼ 15 is the degree of polymerization (DP) of
an entangled strand. The latter three parameters (i.e., ρ,
Ree and Ne) are obtained from CG simulations at 700K.
The SS simulations were performed in reduced units,
with length unit σ¼Re, energy unit ϵ¼ kBT, and mass
unit m (which is the mass of each bead). The integration
timestep of the MD move was set to Δt¼ 0:0002τMD,
where τMD ¼ mσ2=ϵð Þ1=2.The prediction of polymer melt
rheology relies on calculation of the stress relaxation
modulus, G tð Þ, which is obtained by the Green-Kubo
relation

G tð Þ¼ V
kBT

⟨σαβ t0þ tð Þσαβ t0ð Þ⟩t0,αβ ð5Þ

where V is the volume of the simulation box, σαβ tð Þ repre-
sent the off-diagonal components of the stress tensor, and
the bracket ⟨…⟩t0,αβ denotes the average over all possible
t0 as well as the average of three off-diagonal components
of the stress tensor (αβ¼ xy, yz, xz). To compare the simu-
lation results to experiment, the stress relaxation modulus is
first fitted with a generalized Maxwell model (Equation 6)
and then converted to the storage and loss moduli, G0 fð Þ
and G00 fð Þ, using Fourier transforms (Equations 7 and 8)

G tð Þ¼
X

p
Gp exp � t

τp

� �
ð6Þ

G0 fð Þ¼
X

p

Gp 2πf τp
� �2

1þ 2πf τp
� �2 ð7Þ

G00 fð Þ¼
X

p

Gp2πf τp

1þ 2πf τp
� �2 ð8Þ

where Gp and τp are the modulus and relaxation time of
the p-th mode, and f is the frequency.

3074 LIANG ET AL.
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Note that in our previous work,3 we focused on the
polystyrene (PS) melts to prove concept of the bottom-up
multiscale approach. Unlike PS, Nylon 6 forms hydrogen
bonds between the polymer chains via the amide groups
(–CONH–), which may affect the structural and dynamic
properties of the Nylon 6 melt. It is therefore uncertain
whether the same approach can be applied to the Nylon
6 melt. It has been predicted theoretically22 and observed
in many experiments23,24 that associative interactions
(such as hydrogen bonds) between polymer chains can
drastically change the melt rheology. However, at high
temperatures, the lifetime of hydrogen bonds is too short to
affect the rheological properties of polymers. For example,
Karimi-Varzaneh et al25 have shown by all-atom simula-
tions that the relaxation of the hydrogen bond network
dominates the dynamics of the Nylon 6,6 melt only at low
temperatures (T < 413 K). They have also shown26 that the
coarse-grained model of Nylon 6,6, which is lack of explicit
hydrogen bond description, can reproduce the dynamics of
the atomistic model at high temperatures (T > 500 K) with
simple renormalization of coarse-grained timescale. Con-
sidering the chemical structure similarity between Nylon
6,6 and Nylon 6, we would expect that the simple coarse-
grained force field derived by the iterative Boltzmann
inversion method is capable of describing the Nylon
6 dynamics at temperatures T > 500 K.

3 | RESULTS AND DISCUSSION

3.1 | Validation of the coarse-grained
model

The coarse-grained (CG) model is parameterized from
the all-atom (AA) model, so a good CG model should
reproduce important physical properties of its parent AA
model. To validate the CG model, we compare the melt
density, chain structure, chain dynamics as well as the
stress relaxation modulus between the CG and the AA
models. We also analyze the primitive path of long Nylon
6 melts and compare the entanglement molecular weight
to experimental results.

3.1.1 | Density

Figure 3A compares the density of Nylon 6 melts with
different DPs obtained from both AA and CG simula-
tions. In both simulations, the melt density increases
with increasing DP and saturates at large DPs. This can
be justified by the fact that chain ends have larger free
volume than other repeat units at the chain center. Such
chain end effect can also be quantified by

1
ρ
¼ 1
ρ∞

þ C
DP

ð9Þ

where ρ∞ is the density at infinite chain length and C is a
numerical coefficient that depends on the chemical struc-
ture of repeat units and chain ends. Figure 3B shows the
relation between 1=ρ and 1=DP. The comparison of den-
sity shows that the CG model reproduces the density
from the AA model with the best accuracy at DP = 40.
This is because the CG force fields are derived based on
the AA model with DP = 40. However, the CG model
underestimates the density by 4% for the lowest DP and
overestimates by 1% at infinite DP. The lack of chain end
CG beads in the melt leads to insufficient sampling of
their partial radial distribution functions, leading to inac-
curate CG non-bonded potentials. The deviations
between the CG and AA density are therefore larger at
low DP, where there are more chain ends, and smaller at
high DP.

3.1.2 | Chain structure

To characterize the chain structure, we calculate the
mean squared internal distance, ⟨R2 nð Þ⟩, which is the
mean squared distance between two backbone CG beads
separated by n CG bonds. In order to compare the AA
model results to those of the CG model, we convert the
AA configuration to the CG one using the CG representa-
tion as shown in Figure 1. Figure 4A shows the compari-
son of the mean squared internal distance of Nylon
6 chain with DP = 40 obtained from both AA and CG
models. In both models, the Nylon 6 chain adopts a rod-
like conformation at small length scales for short chain
segments with n<3, as shown by the ⟨R2 nð Þ⟩/n2 power
law; then it assumes an ideal conformation at larger
length scales for longer chain segments with n>30, as
indicated by the ⟨R2 nð Þ⟩/n scaling relation. The good
quantitative agreement between the two models shows
that the CG model is able to reproduce the chain struc-
ture observed in the AA model.

We can also estimate the chain stiffness by plotting
the mean squared end-to-end distance ⟨R2

ee⟩ predicted by
the CG model as a function of the molecular weight, as
shown in Figure 4B. The mean squared chain size
increases linearly with molecular weight when
M >4000 g=mol, as illustrated by the linear fit (red
dashed line) ⟨R2

ee⟩¼ 0:01026M nm2mol=g. Using the fit-
ting result together with the method provided by Wu,27

the characteristic ratio of Nylon 6 is obtained as
C∞ ¼ 6:6, which is only 6% higher than the experimental
measurement C∞,expr ¼ 6:2. It is important to predict the
precise chain stiffness using the CG model since the

LIANG ET AL. 3075
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entanglements in polymer melts are related to it, as dis-
cussed in the next sub-section.

3.1.3 | Entanglement molecular weight

The entanglement molecular weight in long polymer melts is
determined by the melt density and chain stiffness, which are
both predicted reasonably well by the CG model as shown in
previous sub-sections. Therefore, it is expected that the CG
model can also predict the entanglement molecular weight.
To calculate it, we analyze the primitive path of the CGNylon
6 melt with DP= 100 using the Z1 algorithm.28–30 The entan-
glement degree of polymerization obtained from the primitive
path analysis is Ne ¼ 15, which corresponds to an entan-
glement molecular weight Me ffi 1700 g=mol. Compared

to the experimental value31 Me,expr ffi 2000 g=mol, the CG
model predicts lower entanglement molecular weight by
15%. This is due to the overestimation of the chain stiff-
ness in the CG model. Fetters et al31 have shown that the
entanglement molecular weight is related to the charac-
teristic ratio by the following scaling relation

Me / ⟨R2
ee⟩

�3 /C�3
∞ ð10Þ

According to Equation (10), if the chain stiffness is
overestimated by 6%, the entanglement molecular weight
will be underestimated by 1� 1=1:06ð Þ3 ffi 16%, which
agrees with our observation. This error analysis demon-
strates that a good CG model with high accuracy in chain
stiffness is crucial for the reliable prediction of melt
entanglements.

FIGURE 3 Density of Nylon 6 melts with different degree of polymerization. (A) Density versus degree of polymerization. (B) Inverse

density versus inverse degree of polymerization. Dashed lines are best linear fit.

FIGURE 4 (A) Comparison of the mean squared internal distance of Nylon 6 chains with degree of polymerization, DP = 40, between

all-atom (AA, blue solid line) and coarse-grained (CG, red dashed line) simulations. (B) Mean squared end-to-end distance of Nylon 6 chains

with different molecular weight obtained from CG simulations. The red dashed line is the best linear fit, ⟨R2
ee⟩¼ 0:01026M nm2mol=g,

demonstrating the ideal chain conformation in the melt.

3076 LIANG ET AL.
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3.1.4 | Chain dynamics

During coarse-graining, the degrees of freedom in a system
are reduced, leading to smoother local energy barriers for
monomer diffusion in the CG model. In order to predict the
correct dynamics, the timescale of the CG model must be
renormalized according to t¼ τCG�AA� tCG, where t is the
renormalized time, tCG is the actual time in the CG
model, and τCG�AA is the time renormalization factor that
accounts for the change in the local friction. To obtain
the time renormalization factor, we compare the transla-
tional and orientational relaxation of chains. The transla-
tional relaxation can be described by the mean squared
displacement (MSD) of the monomers, g1, and center of
mass of chains, g3, while the orientational relaxation can
be characterized by the autocorrelation function of the
chain end-to-end vector, ⟨Ree tð Þ �Ree 0ð Þ⟩=⟨R2

ee tð Þ⟩. Fig-
ure 5 shows the translational and orientational relaxation
analyzed for the Nylon 6 melt with DP = 30, from both
the AA and CG models. The timescale of the CG model is
renormalized by τCG�AA ¼ 5:64. Since the CG model does
not have atomic resolution, it is expected that the CG
results deviate at very short timescales when atomistic
details dominate the relaxation. At longer timescales, the
CG model can faithfully reproduce the dynamics of the
AA model after time renormalization.

3.1.5 | Stress relaxation modulus

The linear viscoelastic response of a polymer melt can be
fully characterized by the stress relaxation modulus, G tð Þ.
Figure 6 shows G tð Þ for the Nylon 6 melt with DP = 30,
which compares the results obtained from the AA and
CG models. The noise of G tð Þ at long time from the CG

model is due to the stress fluctuation around 0 when the
melt is fully relaxed and can be suppressed by running
simulations with much larger boxes. In order to account
for the local dynamic speed-up, the timescale of the CG
model is renormalized by τCG�AA ¼ 5:64, as discussed in
the previous sub-section. Note that for melts with shorter
chains, in order to match the AA and CG stress relaxa-
tion modulus, the renormalization of the CG modulus by
a modulus renormalization factor, γCG�AA, is necessary
due to a mismatch of the AA and CG melt densities.
However, for long chains, such as DP = 30 and 40, the
CG model reproduces the AA melt density and the renor-
malization of CG modulus is not necessary, that
is, γCG�AA ¼ 1.

FIGURE 5 Comparing (A) the mean squared displacement (MSD) of monomers (g1, solid lines) and chains (g3, dashed lines), and

(B) the autocorrelation function of the chain end-to-end vector between all-atom (AA, blue) and coarse-grained (CG, red) simulations of

Nylon 6 with degree of polymerization DP = 30. The time of the CG simulation is renormalized by τCG�AA ¼ 5:64.

FIGURE 6 Comparing the stress relaxation modulus between

all-atom (AA, blue) and coarse-grained (CG, red) simulations of

Nylon 6 with degree of polymerization DP = 30. The time of the

CG simulation is renormalized by τCG�AA ¼ 5:64. The modulus of

the CG simulation is renormalized by γCG�AA ¼ 1.

LIANG ET AL. 3077
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3.2 | Validation of the slip-spring model

The SS model is a phenomenological model that
describes the dynamics of entangled polymer melts. The
SS model of Nylon 6 is parameterized by the CG model of
entangled Nylon 6 melts and its ability to reproduce the
entanglement dynamics is investigated in this section.

3.2.1 | Chain dynamics

The translational relaxation of chains in the Nylon 6 melt
with DP = 100 is characterized by the MSD of the mono-
mers, g1, and center of mass of chains, g3, for both CG
and SS models. Note that, in this context, a “monomer”
in the SS model is a bead that represents a chain segment
consisting of 5 caprolactam repeat units. The configura-
tion of the CG model is also converted by grouping each
10 CG beads into a larger SS bead since each caprolactam
repeat unit is modeled by two CG beads. All MSD values
are normalized by the mean squared chain size, R2

ee, so
the MSD becomes dimensionless and can be compared
between models having different resolutions. The time-
scale of the SS model is renormalized by a time renorma-
lization factor τSS�CG ¼ 55ns=τMD, where τMD is the time
unit of the SS model. This factor is obtained by minimiz-
ing the difference of normalized chain MSD in the diffu-
sive regime, where g3=R

2
ee � t, between the CG and SS

models, as shown in Figure 7A. For entangled polymer
melts, the MSD of monomers/segments shows a distinct
scaling regime that depends on the relaxation time, t. At
relatively short relaxation times (t< τe, where τe is the
entanglement time), the relaxation of strands between
entanglements is described by Rouse dynamics with a
scaling relation g1 � t1=2. In the chain reptation regime
(τe < t< τR, where τR is the Rouse time), strands relax

through Rouse-like diffusion along the primitive path
with a scaling relation g1 � t1=4. After the Rouse time
(τR < t< τrep, where τrep is the reptation time), all mono-
mers in the chain move coherently, and the whole chain
diffuses along the primitive path which leads g1 � t1=2.
Finally, after the reptation time (τrep < t), the whole chain
diffuses along the entire primitive path and is fully
relaxed, and the monomer MSD enters the diffusive
regime, g1 � t. In order to identify these scaling regimes
and distinguish different scaling exponents, we normalize
g1 by t1=2. Figure 7B compares the normalized segmental
MSD, g1=R

2
ee=t

1=2, between the CG and SS models. Both
models show a decrease of the normalized MSD with a
slope� 1/4, corresponding to the chain reptation regime.
Note that while the SS model captures the long-time
behavior of the CG model, its relaxation is faster at
shorter timescales when t<2�102 ns. The orientational
relaxation of polymer chains in the Nylon 6 melt with
DP = 100 is characterized by the autocorrelation function
of the chain end-to-end vector, ⟨Ree tð Þ �Ree 0ð Þ⟩=⟨R2

ee tð Þ⟩.
Figure 8 compares the orientational relaxation of chains
between the CG and SS models. The time of the SS model
is renormalized by τSS�CG ¼ 55ns=τMD as obtained from
the g3 analysis. There is good agreement between the CG
and SS models. Although the translational relaxation of
chain segments in the SS model is faster than that of the
CG model, the orientational relaxation of the whole
chain matches that of the CG mode very well.

3.2.2 | Stress relaxation modulus

Figure 9 compares the stress relaxation modulus, G tð Þ, of
the Nylon 6 melt with DP = 100 between the CG and SS
models. The time scale for the SS model is renormalized
by τSS�CG ¼ 55ns=τMD as mentioned above. Since the SS

FIGURE 7 Comparison of (A) normalized chain mean-squared displacement and (B) normalized monomer mean-squared displacement

between coarse-grained (CG, red cross) and slip-spring (SS, blue squares) simulations of Nylon 6 with degree of polymerization DP = 100. The

time scale of the SS simulation is renormalized by τSS�CG ¼ 55ns=τMD . Error bars of the SS data are obtained from six independent samples.
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model uses a different Hamiltonian to describe the
entangled melt, it is also necessary to renormalize its
modulus, that is, elastic energy per unit volume, so its
value can match that of the CG model. The results after
multiplying G tð Þ of the SS model by a modulus renorma-
lization factor, γSS�CG, are shown in Figure 9A. The value
of the renormalization factor is γSS�CG ¼ 8:0�106 Pa=G0,
where G0 ¼ ρsskBT. At short time scales, the stress relaxa-
tion modulus of the SS model deviates from that of the
CG model. This is expected because the spatial resolution
of the SS model is 5 repeat units per bead and relaxation

modes of chain segments on that or smaller length scales
are absent in the model, leading to the observed deviation
at shorter times. To demonstrate the entanglement char-
acteristics of the entangled Nylon 6 melt, we also normal-
ize the stress relaxation moduli of both models by t1=2 as
shown in Figure 9B. For an entangled melt, the relaxa-
tion at short length scales follows the Rouse model so the
stress relaxation modulus changes as G tð Þ� t�1=2, which
leads to a constant plateau in Figure 9B. At time scales
longer than the entanglement time, τe, the stress relaxa-
tion slows down and eventually flattens to form an entan-
glement plateau at Ge. Although there is no apparent
plateau in Figure 9A due to the relatively short chains
(less than 10 entanglements per chain), lines with posi-
tive slopes in Figure 9B still demonstrate much slower
dynamics compared to Rouse as a result of chain entan-
glements. This is followed by the entanglement regime
and the terminal relaxation regime, where the stress
exponentially decays to zero. SS simulations with longer
chains exhibit a clear entanglement plateau (see later sec-
tions), but the CG simulations are limited to chains of
intermediate length by the computational demands asso-
ciated with large system size and long relaxation time.
Given these restrictions, the good agreement of the stress
relaxation in the entanglement regime for the moderately
entangled melt is a manifestation of the success of the SS
model in capturing the entanglement dynamics of the
CG model.

3.3 | Time–temperature superposition

To facilitate the chain relaxation in both AA and CG
models, the simulation temperature is set at 700 K, which

FIGURE 8 Comparison of the chain end-to-end

autocorrelation function between coarse-grained (CG, red cross)

and slip-spring (SS, blue squares) simulations of Nylon 6 with

degree of polymerization DP = 100. The time scale of the SS

simulation is renormalized by τSS�CG ¼ 55ns=τMD. Error bars of the

SS data are obtained from six independent samples.

FIGURE 9 Comparison of (A) stress relaxation modulus and (B) normalized stress relaxation modulus between coarse-grained (CG, red

cross) and slip-spring (SS, blue squares) simulations of Nylon 6 with degree of polymerization DP = 100. The time and modulus scales of the

SS simulation are renormalized by τSS�CG ¼ 55ns=τMD and γSS�CG ¼ 8:0�106 Pa=G0, respectively. Error bars of the CG and SS data are

obtained from three and six independent samples, respectively.
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is much higher than the experimental accessible range
(usually below 600 K). To compare simulation results to
experiments, we apply the time–temperature superposi-
tion to simulation data. Following routine experimental
practice, we perform simulations of the AA model at dif-
ferent temperatures from 500 to 1100 K and calculate the
stress relaxation modulus G tð Þ using Equation (5). As
shown in Figure 10A, G tð Þ calculated at different temper-
atures are first vertically shifted by the modulus scale
shift factor, bT , which is obtained by

bT ¼ ρ Tð ÞT
ρ0T0

ð11Þ

where ρ Tð Þ and ρ0 are densities at temperature T and ref-
erence temperature T0, respectively. ρ Tð Þ= kg=m3ð Þ¼
1309:9�0:631�T=K is measured from simulations and
we choose T0 ¼ 500K. Then we shift the time scale by a
factor aT , which is obtained as the horizontal shift factor
that minimizes the difference of G tð Þ for different tem-
peratures. Figure 10A shows the procedure of time–
temperature superposition applied to Nylon 6 melts with
DP = 40. Figure 10B summarizes aT for different DPs
and best fits (dashed lines) to the WLF equation:

aT ¼ exp � c1 T�T0ð Þ
c2þT�T0

� �
ð12Þ

It is observed that while aT depends on chain size, it
saturates for long chains (DP = 30 and 40). We therefore
apply the aT obtained from the melt with DP = 40 to
melts of longer chains, with c1 ¼ 4:7944, c2 ¼ 430:521K.

3.4 | Multiscale master curves

Polymer melts with molecular weight much higher
than the entanglement molecular weight, Mw �Me,
share similar stress relaxation moduli at time scales
shorter than the entanglement time. The differences
show up as different lengths of the entanglement plateau,
that is, different reptation times. To predict the full spec-
trum stress relaxation modulus, that is, the master curve
G tð Þ, of highly entangled polymer melts with different
molecular weights, one only need to run simulations of
the SS model with different DPs to capture the molecu-
lar weight dependent disentanglement behavior. The
stress relaxation at shorter times can be obtained from
the AA model of low molecular weight melts and the
CG model of slightly entangled melts. In our approach,
the master curve is obtained by combining results from
three models of decreasing resolution but increasing
time and length scales (see Figure 11A). The short time
stress relaxation modulus that characterizes the relaxa-
tion of chain segments containing a few monomers is
obtained from the AA model of melts with DP = 40. At
larger length scales and longer time scales when the
relaxation is limited to chain segments shorter than or
comparable to an entangled segment, the stress relaxa-
tion is calculated by the CG model of melts with
DP = 100 and 200. For the longest relaxation and lon-
ger chains where entanglements dominate the relaxa-
tion, the SS model is used to predict the stress
relaxation for polymers with various DPs from 100 to
400 (i.e., from 7 to 27 entanglements per chain). To cal-
culate the master curve, the CG G tð Þ is time-shifted by
τCG�AA ¼ 5:38, and the SS G tð Þ is both time-shifted by

FIGURE 10 (A) Stress relaxation modulus, G tð Þ, of Nylon 6 melts with degree of polymerization DP = 40 obtained from all-atom

simulations at T = 500� 1100K. Solid and dashed lines are stress relaxation modulus before and after shifting, respectively. (B) Time shift

factor, aT , as a function of temperature for Nylon 6 melts with different degrees of polymerization. Dashed lines are best fits to

Equation (12). The black line is the experimental time shift factor determined between 220 and 295�C by the Arrhenius equation lnaT ¼Ea=

R 1=T�1=T0ð Þ, where the activation energy is Ea ¼ 55 kJ=mol and R is the gas constant.
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τSS�AA ¼ τSS�CG� τCG�AA ¼ 295:9ns=τMD and modulus-
shifted by γSS�AA ¼ γSS�CG� γCG�AA ¼ 8:0�106 Pa=G0

(γCG�AA ¼ 1), while the AA G tð Þ is taken as the “ground
truth” and is not changed. Master curves of Nylon 6 melts
with different DPs are fitted with the generalized Max-
well model using 12 modes (Equation 6) and converted
to storage and loss moduli (Equations 7 and 8), as shown
in Figure 11B. Both the stress relaxation modulus and
storage and loss moduli are shifted to the reference tem-
perature Tr = 260�C using the time–temperature super-
position method described in the previous section. The
viscosities of melts are also calculated and will be dis-
cussed in Section 3.6.

3.5 | Effect of polydispersity

Nylon 6 can be synthesized by ring-opening polymeriza-
tion of caprolactam, and the molecular weight of the
product can be described by the Schulz-Zimm
distribution,32

P Mð Þ¼ zzþ1

Γ zþ1ð Þ
Mz�1

Mz
n

exp
�zM
Mn

� �
ð13Þ

where P Mð Þ is the number fraction of polymer chains
with molecular weight M, Mn is the number-average

FIGURE 12 (A) Number fraction, P Mð Þ, and (B) number, N Mð Þ, of Nylon 6 chains with different molecular weight, M. Black curves

are Schulz–Zimm distribution (Equation 13) with polydispersity Đ¼ 1:5 and weight-average molecular weight Mw ¼ 11:3kg=mol. Red

histograms are molecular weight distribution of the polydisperse Nylon 6 melt in the slip-spring simulation.

FIGURE 11 (A) Stress relaxation modulus, G tð Þ, of Nylon 6 melts with degree of polymerization DP = 100� 400. Dashed lines

represent best fits with the generalized Maxwell model (Equation 6). Error bars are obtained from six independent samples. (B) Storage (G0,
solid lines) and loss (G00, dashed lines) moduli of Nylon 6 melts with DP = 100� 400. Both storage and loss moduli are calculated from the

fitting results of the stress relaxation modulus using Equations (7) and (8). The shaded area represents the uncertainty obtained from six

independent samples. All data are shifted to the reference temperature Tr = 260�C.
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molecular weight, Γ zþ1ð Þ is the Gamma function, and
z is related to the polydispersity index Đ¼ Mw=Mn ¼
zþ1ð Þ=z in which Mw is the weight-average molecular
weight. We modeled a polydisperse Nylon 6 melt with
Đ¼ 1:5 using the SS model and its molecular weight dis-
tribution is shown in Figure 12. Note that in the SS simu-
lation, we remove chains shorter than the entanglement
strand since they are not expected to contribute to the
reptation dynamics, and their volume fraction is also very
low (<1%).

Figure 13 compares the rheology of monodisperse
and polydisperse Nylon 6 melts with the same weight-
average molecular weight, Mw ¼ 11:3kg=mol, which cor-
responds to DP = 100. The polydisperse melt shows faster
stress relaxation (see Figure 13A). This phenomenon is
consistent with what Peters et al14,15 have observed from
CG simulations of polydisperse polyethylene melts. The
faster stress relaxation also leads to a shorter entangled
regime and earlier disentangled time (see Figure 13B). In
the polydisperse sample, the slow dynamics of long
chains has prominent contribution to G tð Þ at long time
but is not sufficiently sampled due to the scarcity of them
(see Figure 12B). This leads to large variations of G tð Þ at
long time. The zero-shear viscosity of melts can be calcu-
lated by integrating the stress relaxation modulus

η¼
Z ∞

0
G tð Þdt¼

X
p
Gpτp ð14Þ

where the second equality is obtained by Equation (6). At
Tr = 260 �C, the zero-shear viscosity of the polydisperse
melt η Đ¼ 1:5ð Þ¼ 3:1	1:5Pa � s is lower than that of the
monodisperse melt η Đ¼ 1:0ð Þ¼ 11:9	1:5Pa � s.

3.6 | Comparison to experimental
measurements

In Figure 14, we show the dependence of the melt viscos-
ity of Nylon 6 on the weight-average molecular weight
predicted by the multiscale simulation method, and com-
pare it to experimental measurements.33–37 All simula-
tion results are obtained by Equation (14) and shifted to
Tr = 260 �C according to the time–temperature superpo-
sition procedure described in the previous section. All
experimental results are also shifted to Tr = 260 �C using

FIGURE 13 (A) Stress relaxation modulus, G tð Þ, of monodisperse (black) and polydisperse (red) Nylon 6 melts with the same weight-

average molecular weight, Mw ¼ 11:3kg=mol. Dashed lines are best fits to the generalized Maxwell model (Equation 6). Error bars are

obtained from six independent samples. (B) Storage (G0, solid lines) and loss (G00, dashed lines) moduli Nylon 6 melts in panel (A). Both

storage and loss moduli are calculated from the fitting results of the stress relaxation modulus using Equations (7) and (8). Shadow area

represent uncertainty obtained from six independent samples. All data are shifted to the reference temperature Tr = 260�C.

FIGURE 14 Dependence of the Nylon 6 melt viscosity on the

weight-average molecular weight from both simulations and

experiments. All data are shifted to the reference temperature

Tr = 260�C. Simulation results are obtained from monodisperse

melts. The black dashed line is the best fit to Equation 15.
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the time shift factor calculated by
lnaT ¼Ea=R 1=T�1=T0ð Þ, where the activation energy is
Ea ¼ 55 kJ=mol for temperatures in the range of
220� 295�C and R is the gas constant.34,36 Note that the
viscosity obtained by Pezzin et al33 is reported in terms of
the number-average molecular weight, so we estimate
the weight-average molecular weight by assuming a poly-
disperse index of 2, which is a common value for poly-
mers synthesized through condensation. The molecular
weight dependence of the simulation viscosity can be
described by the scaling law

η/ M=Með Þα ð15Þ

where the scaling power is α¼ 3:9	0:1. Such scaling
power is slightly higher than 3.4 as predicted by the
reptation theory, but has been reported from experiments
of entangled 1,4-polyisoprene melts.38 The simulated vis-
cosities are slightly above the experimental ones from
Khanna et al.35 and from van Ruymbeke et al.37 They are
also above those of Pezzin et al.,33 Kemblowzki et al.34

and Massaro et al.36 We attribute the discrepancies to
three effects. First, the CG model underestimates the
entanglement molecular weight by approximately 15%,
which leads to overestimation of the viscosity by a factor
of 0:85�α ¼ 1:9. Second, Nylon 6 is not stable and can
degrade at high temperatures with trace amounts of
water content.33,34,39 The experimental viscosity mea-
sured at high temperatures might therefore correspond to
smaller molecular weights than those reported. Third,
the chain degradation might lead to a large polydispersity
and therefore results in a lower viscosity, as demon-
strated in the previous section.

4 | CONCLUSIONS

A multiscale simulation method has been used to predict
the rheological properties of entangled Nylon 6 melts,
including the stress relaxation modulus, storage and loss
moduli, as well as the melt viscosity. The three-level mul-
tiscale simulation adopted here includes all-atom, coarse-
grained and SS models, each operating at different levels
of resolutions that enable access to larger length and lon-
ger time scales. The rheological properties are passed
from a high-resolution model to a low-resolution model
by matching the chain conformation, the translational
and rotational relaxation behavior of chains as well as
the stress relaxation of melts. We also study the effect of
polydispersity on linear viscoelasticity by comparison
between a monodisperse melt and a polydisperse melt
characterized by the Schulz-Zimm molecular weight dis-
tribution. Long chains relax faster in the polydisperse

melt due to faster relaxation of constraints posed by
shorter chains, leading to a faster stress relaxation and a
lower viscosity. The model is fully predictive in that the
rheological behavior over time scales spanning nine
orders of magnitude can be estimated solely on the basis
of an atomistic model, without recourse to adjustable
parameters or experimental data. For Nylon 6, the agree-
ment with measured viscosities is shown to be very rea-
sonable, serving to validate the usefulness of the overall
approach for situations in which the rheology is not
known or is difficult to measure experimentally, as is the
case with polymeric materials that degrade easily at ele-
vated temperatures, which limits the use of time–
temperature superposition techniques.
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